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Phase-Field Simulation of Fusion Interface Events during
Solidification of Dissimilar Welds: Effect of Composition
Inhomogeneity
SUBHRADEEP CHATTERJEE, T.A. ABINANDANAN, and KAMANIO
CHATTOPADHYAY
We investigate the events near the fusion interfaces of dissimilar welds using a phase-field model
developed for single-phase solidification of binary alloys. The parameters used here correspond
to the dissimilar welding of a Ni/Cu couple. The events at the Ni and the Cu interface are very
different, which illustrate the importance of the phase diagram through the slope of the liquidus
curves. In the Ni side, where the liquidus temperature decreases with increasing alloying, solutal
melting of the base metal takes place; the resolidification, with continuously increasing solid
composition, is very sluggish until the interface encounters a homogeneous melt composition.
The growth difficulty of the base metal increases with increasing initial melt composition, which
is equivalent to a steeper slope of the liquidus curve. In the Cu side, the initial conditions result
in a deeply undercooled melt and contributions from both constrained and unconstrained
modes of growth are observed. The simulations bring out the possibility of nucleation of a
concentrated solid phase from the melt, and a secondary melting of the substrate due to the
associated recalescence event. The results for the Ni and Cu interfaces can be used to understand
more complex dissimilar weld interfaces involving multiphase solidification.
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I. INTRODUCTION
EVER since Metzger et al.s substantial initial work
on welding of dissimilar metal combinations,[1] a con-
siderable amount of effort has gone into determining
the weldability of specific dissimilar combinations
(for example, the overviews by Sun and co-workers[2,3]
summarize the progress made until the middle of the last
decade). During recent years, computer simulations
and experiments have helped us gain a better under-
standing of the fluid flow effects and development of the
macroscopic weld pool geometry in dissimilar welds.[4–7]
Studies have also been undertaken to elucidate the
underlying mechanisms of microstructure formation in
these welds in terms of fundamentals of solidification
theory.[8–11] In this latter set of experiments, regions
close to the fusion interfaces revealed microstructures
that were remarkably different from the ones observed
during welding of similar metals, and in this article, we
seek to address some of the issues related to this aspect
of dissimilar welding.
Nelson et al.,[8] while studying welding of different
grades of steel in contact with a monel (Ni-rich Ni-Cu
alloy) filler alloy melt, reported that when the primary
solidifying phase had a crystal structure different from
the base metal, epitaxial growth of the substrate
(commonly found in welds between similar metals)
was replaced by a chill zonelike microstructure. This
microstructure consisted of numerous small grains,
which nucleated heterogeneously on the substrate grains
at the fusion interface. In contrast, they observed
epitaxial growth when the composition change was not
accompanied by a corresponding change in the crystal
structure, implying a dominant role of the crystal
structure of the primary phase over that of a difference
only in composition.
However, the results of Phanikumar et al.[9] for laser
welding of Cu and Ni, which form an isomorphous
system with fcc structure, indicate that the composition
gradient can affect interface microstructure even when
the solidifying phase has the same crystal structure.
They noted that while the Ni interface did exhibit
epitaxy, the Cu interface was irregular and the fusion
line was clearly separated from the alloyed weldment by
an unmixed zone. In a later experiment on the immis-
cible Fe/Cu system, Phanikumar et al. also observed[10]
the formation of Fe-rich bands at the Cu interface,
which they attributed to a phase separation reaction in
the liquid followed by peritectic solidification. For a
closely related system, namely, the welding of stainless
steel to copper, Magnabosco et al.[12] noted the absence
of epitaxy at the fusion interfaces. During laser welding
of a Ti/Ni couple, the present authors reported[11]
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dendritic growth of an intermediate phase (Ti2Ni)
directed toward the base metal near the Ti interface.
All of these examples of diverse microstructures
highlight a qualitative shift from the conventional
welding in terms of new phenomena that can occur at
the fusion interfaces. These phenomena take place as a
result of the intricate coupling between the heat transfer,
on one hand, and the thermodynamics and kinetics of
the system on the other. The phase-field approach has
been shown to be an effective modeling technique, which
captures this coupling in a very natural manner;[13
]
we
have undertaken a computational study using this
model to explore near-interface events during solidifica-
tion of dissimilar welds. As a first step toward achieving
the more general goal, here, we analyze the conse-
quences of an abrupt jump in composition that exists
near the fusion interfaces of dissimilar welds.
II. MODEL AND SIMULATION PARAMETERS
Since we are interested in modeling phase transfor-
mations in a highly nonisothermal environment, an
entropy functional based approach becomes the natural
choice.[14] This model, initially developed for pure
metals by Wang et al.,[15] was later extended for binary
alloys by Warren and Boettinger.[16] We describe here
the salient features of the fully nonisothermal model for
binary alloys given by Loginova et al.[17]
In this model, a phase-field variable (/) distinguishes
between liquid (/ = 1) and solid (/ = 0) regions, and
it varies smoothly between these two values across the
solid-liquid interface. The thermodynamics of the sys-
tem is described by writing the total entropy of the
system (S) as a functional of the phase field and its
gradient:
S ¼
Z
X
½sð/; c; eÞ  
2
2
jr/j2dX ½1
Here, s is the local entropy density, which is a function
of the phase-field /, composition c (mole fraction of
solute B in a binary A-B alloy), and internal energy
density e, which is postulated to be the composition
averaged value of the energy densities of the individual
constituents: e ¼ ð1 cÞeA þ ceB: The eis (i = A, B)
can be expressed as follows: ei ¼ eiS ðTimÞ þ
CipðT TimÞ þ pð/ÞLi; where L, Cp, and Tm are the
latent heat of fusion, specific heat, and melting point of
the pure constituents, respectively. The term p(/) is a
smooth interpolating function between 0 and 1 satisfy-
ing the conditions p(0) = 0 and p(1) = 1. The param-
eter 2 is gradient entropy constant related to the solid-
liquid interfacial energy, and X represents the volume of
the system.
The evolution equation for /, which is a noncon-
served parameter, can be derived by assuming relax-
ational dynamics, which guarantees positive entropy
production.[15] Equations for composition and temper-
ature (T) are obtained through conservation laws for
mass and energy, respectively. Details of the derivations
are available in References 15 through 17; here, we write
only the final forms of the equations in one-dimension,
noting that an ideal solution approximation has been
used for the mixing of pure components A and B:
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Here, a dot over a quantity denotes its partial derivative
with respect to time t, and x is the spatial variable. The
term M/ is a parameter related to interface mobility,
and K is the thermal conductivity; these, along with Cp
and L, are the composition averaged values of the
corresponding pure component properties. The term vm
is the molar volume, R is the gas constant, and
g(/)=/2ð1 /Þ2 is the standard double well potential.
The His are given by
Hið/;TÞ ¼ Wi @g
@/
þ 30gð/ÞLi 1
T
 1
Tim
 
i ¼ A;B
½5
where W is the height of the double well potential. For
solute diffusion, the expression D ¼ DS þ pð/ÞðDL DSÞ
has been used, where DS and DL are classical diffusiv-
ities in solid and liquid, respectively. Other model
parameters, namely, 2, Mi, and W, are obtained by
performing a sharp interface asymptotic analysis,[16]
which provides their relationship with interfacial energy
r, interface thickness d, and interface attachment
coefficient l. The last quantity is defined by the relation
V ¼ liðTiM  TintÞ ½6
where V is the growth velocity, Tint is the interface
temperature, and the quantity inside the parentheses is
the ‘‘kinetic undercooling.’’ The material properties (and
model parameters determined from them) are listed in
Table I; they correspond to the binary Ni-Cu system,
and henceforth all references to the simulations will be
made with respect to this system.
To mimic the conditions near the fusion interfaces
during dissimilar welding, we have constructed a system
with the initial and boundary conditions as depicted in
Figure 1; two separate sets of simulations are performed
for fusion interfaces in Ni and Cu, respectively. Simu-
lations are started with pure solid Ni or Cu being kept in
contact with an alloy melts of composition c0; we use
c0 = 0.25 and c0 = 0.75 for the Ni- and Cu-interface
simulations, respectively. A positive temperature gradi-
ent (G) of 105 K/m is imposed initially in such a way that
the solid-liquid interface temperature is at the melting
point of the pure solid. Heat extraction through the
cooler substrate during welding is introduced here
through a negative heat flux condition at the left wall;
the right wall is thermally insulated. We have chosen the
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magnitude of the flux _q (= -108 J/m2s) at the left wall to
approximately correspond to the order of that obtained
using Fouriers law of heat conduction, _q ¼ KðdT=dxÞ;
with typical values being used for K and dT/dx. The
system is closed with regard to composition, and we
employ a symmetry boundary condition for the phase-
field variable at both ends.
The governing equations are solved numerically using
the finite difference discretization and implicit time
integration scheme. All of the simulations use a uniform
grid of spacing 25 nm; an upper bound for the value of
the time-step is arrived at by the stability criterion of
explicit Euler integration.[16] We present here the results
of our one-dimensional simulations for a 500 lm long
computational domain.
III. RESULTS
A. Ni Interface
Figures 2(a) through (c) describe the evolution of the
field variables (/, c, and T, respectively) at the Ni
interface. For the phase-field and composition profiles, a
small part of the domain where the only significant
variation in these profiles takes place is shown; the
global temperature profile in Figure 2(c) has this region
zoomed in as an inset. As we can observe from the
phase-field profile at time t = 0.25 ms in Figure 2(a),
the pure Ni solid, which is initially in contact with a
Ni-25 at. pct Cu melt, suffers a melt-back, even though
heat is being extracted and the interface is below the
melting point of Ni. The corresponding composition
profile in Figure 2(b) shows the creation of a composi-
tion gradient ahead of the solid-liquid interface through
diffusive mixing in the liquid that follows the melting of
the pure base metal. The extent of the melt-back is
Table I. Model Parameters and Material Properties
Property/Parameter Ni Cu
Tm (K) 1728 1358
L (J/m3) 2350 · 106 1728 · 106
r (J/m2) 0.37 0.29
DL (m
2/s) 10-9 10-9
DS (m
2/s) 10-13 10-13
Cp (J/(m
3 K)) 5.42 · 106 3.96 · 106
K (J/(smK)) 84 200
vm (m
3/mole) 7.42 · 10-6 7.42 · 10-6
l (m/(Ks)) 3.3 · 10-3 3.9 · 10-3
d (m) 4.9 · 10-9 4.9 · 10-9
W (J/(m3 K)) 9.27 · 103 9.245 · 103
M (m3 K/(Js)) 10.085 10.01
2 (J/(mK)) 8.9 · 10-11 8.9 · 10-11
Based on Data from References 16 and 17.
Fig. 1—Schematic representation of the computational setup. Refer
to text for details.
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Fig. 2—Evolution of the (a) phase-field, (b) composition, and (c)
temperature profiles near the fusion interface in the Ni side. For (a)
and (b), only the active region of variation in / and c is shown; the
entire domain is shown in (c), with its inset showing the region cov-
ered the former two plots.
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decided by the interaction between the imposed (nega-
tive) heat flux at the left boundary, thermal conductiv-
ity, solute diffusivity in liquid, and phase-field mobility;
resolidification of the base metal starts when the
decrease in liquidus temperature of the liquid due to
diffusion can no longer match the fall in melt temper-
ature through heat extraction.
As the resolidification front advances, instantaneous
solid composition increases, closely following the com-
position gradient that had been set up during the melt-
back phase. The profiles for t = 1 ms show an instant
when the interface is almost halfway through the
gradient region. The composition profile corresponding
to this stage (Figure 2(b)) illustrates solute rejection at
the solidifying interface, which creates a local maximum
(the ‘‘blip’’ on the already existing gradient composition
profile) ahead of the front. Finally, instantaneous solid
composition reaches the far-field value c0 when the
interface crosses the gradient region (profiles at
t = 2.25 ms). The temperature profiles in Figure 2(c)
show a continuous decrease in temperature; they also
show that while the local temperature gradient (G) near
the left wall is fixed by the imposed heat extraction rate,
G near the right wall decreases due to the insulating
boundary condition. The inset of the plot corresponds
to the near-interface part of the domain shown in
Figures 2(a) through (b); we observe that the tempera-
ture gradient ahead of the interface is always positive,
which is a characteristic of directional growth con-
strained by the externally imposed rate of movement of
the isotherms.
To analyze the situation at the solid-liquid interface,
we compute interface undercooling, which we define as
DT ¼ TLiqðcLÞ  Tint; where TLiqðcLÞ is the liquidus
temperature corresponding to the instantaneous liquid
composition at the interface, cL: For the Ni-interface
simulations with positive temperature gradients at the
interface, the thermal undercooling term is absent,[18]
and this definition of the undercooling is essentially the
alloy solidification equivalent of the kinetic undercool-
ing defined by Eq. [6]. The interface attachment coef-
ficient l that relates the undercooling to the front
velocity is directly proportional to the phase-field
mobility M/ at the sharp interface limit of the phase-
field model.[16] However, l is one of the less reliably
known material parameters, and the interface thickness
used in estimating M/ from l is finite, subjecting the
estimate of M/ to errors. Hence, we have taken the M/
computed from the lNi and lCu values given in Table I
as its base value and have run simulations by varying it
systematically to compute the interface undercoolings.
In Figure 3, we present two limiting cases of the
undercooling vs time curves from simulations that use
M/ values differing by two orders of magnitude. We see
that a higher value of M/ results in a smaller steady-
state undercooling; DT changes from ~24 to ~6 K when
M/ is increased 100 times from its base value. The
nature of the plots, however, is very similar in two cases:
there is an initial negative undercooling stage, followed
by two regions where undercoolings increase at different
rates, before finally reaching a steady-state value. We
note that the initial negative undercooling stage corre-
sponds to the melting of the pure substrate below its
melting point; it is a case of ‘‘solutal melting’’ that is
associated with a composition jump in systems with
downward sloping liquidus lines. Rattenmayr and
co-workers have analyzed[19,20] solutal melting of Al in
contact with an Al-Mg alloy under isothermal condi-
tion. In contrast to those studies, here, the thermody-
namic driving force for melting changes sign with time
due to continuous heat extraction through the substrate.
We also determine the interface velocity V by extract-
ing the interface position (/ = 0.5) from the phase-field
data and computing its rate of change. The variation of
the interface velocity with time is shown in Figure 4 for
M/ values different by two orders of magnitude. The
four regimes that are clearly identified in these velocity-
time plots are as follows: (1) negative velocity regime in
the beginning, indicating solutal melting: the rate of
melting decreases continuously in this stage; (2) very
small positive velocity regime: the interface starts
resolidifying through the composition gradient layer;
(3) transition regime: velocity increases rapidly as the
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Fig. 3—Variation of interface undercooling with time in the Ni side.
The dashed line corresponds to the simulation where mobility M/ is
increased 100 times that shown by the solid line.
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Fig. 4—Variation of interface velocity with time in the Ni side. The
dashed line corresponds to the simulation where mobility M/ is
increased 100 times that shown by the solid line.
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interface is almost toward the end of the gradient; and
finally (4) steady-state regime: solidification takes place
in a homogeneous liquid. This plot brings out the
growth difficulty faced by the base metal due to the
presence of a composition gradient during dissimilar
welding. Using the time at which the transition from
regime (2) to (3) takes place, tcr, as a measure of the
resistance to base metal growth, we plot its variation
with the starting melt composition c0 in Figure 5. This
plot shows that the growth difficulty increases when the
base metal is in contact with a higher concentration
melt.
B. Cu Interface
Initial conditions for /, c, and T are similar to what
were used for the Ni interface; however, the liquidus line
in the Cu end of the phase diagram slopes upward (that
is, liquidus temperature increases with increasing Ni
content of the melt), and this results in a situation that is
completely different from the Ni interface. The starting
composition and temperature profiles are shown in
Figure 6; the position of the solid-liquid interface
coincides with the jump in composition, with its
temperature being at the Cu melting point (1358 K).
The initial conditions, with the values chosen for G
(105 K/m) and the melt composition c0 (25 atom pct Ni,
for which the liquidus temperature is 1466.5 K), make
the entire melt ahead of the solid-liquid interface already
in a deeply undercooled state and the undercooling is
highest at the interface.
Under these conditions, solidification starts immedi-
ately with the composition of the solid being instanta-
neously adjusted to c0; Figure 7 presents a snapshot of
the events at time t = 1 ms. The temperature profile
shows a distinct peak at the interface due the recales-
cence event in the undercooled melt; the inset of the
figure also shows very clearly that the local temperature
gradient in the liquid is negative, which is characteristic
of unconstrained growth in undercooled melts.
We compute the interface undercooling and velocity
in a fashion similar to that in the Ni interface case; we
note, however, that ‘‘undercooling’’ in the present
context is dominated by the initial bulk undercooling.
The ‘‘thermal undercooling’’ term[18] also comes into
play in the present case, because heat is removed from
the interface through both the solid and the liquid
(Figure 7), and this represents a case of mixed mode
solidification. As Figure 8 shows, variation of both the
undercooling and the velocity with time are similar, with
initial very high values decreasing steadily with time. We
note that these plots are drastically different from the
ones for the Ni-interface simulations, highlighting the
fundamental difference in the growth scenario at the two
interfaces. The decrease in undercooling (and velocity)
at later times in the present case reflects the influence of
the insulating right wall boundary condition, which
reduces the thermal undercooling and hence the driving
force for the unconstrained growth.
0
1
2
3
4
 10  20  30  40  50
Cr
itic
al
 ti
m
e 
t c
r 
(m
s)
 Initial melt composition c0 (at % Cu)
Fig. 5—Variation of the critical time tcr (the transition from stage 2
to stage 3 in the velocity-time plot) with initial melt composition.
The dotted line is drawn as a guide to the eye.
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In contrast to the Ni interface, there is no driving
force for solutal melting at the Cu interface as the
temperature is well below the TLiq(c0). There exists,
however, a considerable difference in the driving force
for solidification across the leading and lagging parts of
the diffuse solid-liquid interface region, as higher com-
position in the former regions implies a higher local
liquidus temperature and hence a greater driving force.
This asymmetry results in a completely different trans-
formation behavior when the phase-field mobility, M/,
is increased from its base value. Doing so leads to faster
phase change (solidification) in the leading part of the
interface, and the release of its enthalpy of fusion
actually moves the interface temperature above the
melting point of pure Cu, causing the lagging part of the
interface to undergo a reverse transformation, namely,
melting. In effect, it results in the nucleation of a solid
phase with composition c0 from the melt, thereby
creating two new solid-liquid interfaces (ones involving
the freshly nucleated solid) in the process.
Figures 9(a) through (c) depict the situation at
t = 0.01 ms after the start of the simulation with
mobility M/ made 100 times of its base value (the
results are similar for a much lower increase in M/; we
have observed nucleation even atM/ values 20 times the
base value). The phase-field profile in Figure 9(a) shows
the nucleation of a solid phase, more clearly observed in
the inset, which focuses on the active transformation
region. The solid Cu base metal, which was initially in
the position marked ‘‘2’’, melts and recedes to the
position ‘‘1’’; the freshly nucleated solid grows from 2
toward the positive x direction to the position marked
‘‘3’’ (the solid-liquid interfaces will be referred to by
these numbers hereafter). The composition profile in
Figure 9(b) shows that the freshly nucleated solid phase
has composition close to c0 (inset); it also separates the
concentrated melt from an almost pure Cu melt pro-
duced by secondary melting. The temperature profile
(Figure 9(c)) exhibits a maximum at interface 3, signi-
fying the highest rate of transformation there; it also
shows the increase in local temperature beyond the
melting point of Cu in regions 1 through 3, which caused
melting of the substrate.
Interface 1 continues to recede as a result of the
recalescence event (associated with interface 3) with
decreasing velocity, while heat is extracted from the left
wall; eventually, the processes balance each other, and
the substrate starts to resolidify when temperature at
interface 1 falls below the melting point of pure copper.
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Ultimately, interfaces 1 and 2 merge mostly as a result of
the regrowth of the substrate (interface 1). Figure 10
shows the composition profile (at t = 4.55 ms) after this
has taken place, and the system is left with only one
solid-liquid interface, which continues to advance into
the remaining melt. The inset of Figure 10 shows the
region until which the substrate had receded due to
secondary melting; almost the entire region is pure Cu,
with composition increasing steeply near the region
where the initial nucleation had taken place.
The velocity history of all three interfaces (1 through
3) are presented in Figure 11; we note that both
interface 1 and 3 had very high velocity initially (of
melting and solidification, respectively), which decreased
sharply to much lower values (and, in case of interface 1,
changed sign), while interface 2 remained almost sta-
tionary. The inset of the figure zooms in on the later
time span where velocities are comparatively lower; this
shows the reversal of front movement for interface 1,
and also a very small solidification velocity of interface 2
toward the negative x direction at later times. We also
note from Figure 11 that after ~4 ms, 1 and 2 had
merged, leaving 3 as the only phase transformation
front.
IV. DISCUSSION
We have studied events at and near the fusion
interfaces during solidification of dissimilar welds in
the idealized setting of a pure substrate in contact with a
concentrated melt, and the parameters used here corre-
sponded to the single-phase solidification of Ni-Cu
alloys. Convection in the liquid, which can have very
important consequences in actual welding, is not incor-
porated into the model. Although the restrictive
assumptions used in the model preclude any direct
comparison to more complex dissimilar weld interfaces
with intermetallic compound formation (as in the case of
welding of Ti/Ni[11]), the simulations do provide insights
that are valid not only for the welding of a Ni/Cu
couple, but can also be extended to understand other
dissimilar couples also. The main features of dissimilar
welding revealed by the simulations are (a) growth
difficulty of the base metal, (b) different modes of
growth (constrained/unconstrained/mixed), and (c) the
possibility of formation of phases with different com-
position at or ahead of the fusion interface. We shall
now discuss the different conditions under which these
can be observed, the parameters that control them, and
their broader implications.
The sign and magnitude of the liquidus slope turn out
to be the most important parameters (at least in the
single-phase solidification case) for microstructure
development at fusion interfaces in dissimilar welding.
In the Ni side, where the liquidus slopes downward,
events that take place near the interface are solutal melt-
back, sluggish resolidification, and a final steady growth
of the solid. We have used the time taken for the
transition from the sluggish resolidification regime to a
faster growth regime where composition is homoge-
neous, tcr, to measure the magnitude of the resistance to
base metal growth. This time is a significant fraction of
the total time tT for complete solidification with the
steady-state velocity; for example, for the case of
c0 = 50 at. pct Cu, tcr  13 tT: This translates to several
tens of micrometers in terms of the microstructural
length scale to which the growth is hindered.
It is also clear from the simulations that this hin-
drance increases with increased magnitude of the con-
centration gradient (Figure 5). A higher composition
jump results in a steeper gradient after the initial solutal
melting, and consequently to a higher slope of liquidus
temperature profile in the liquid ahead of the interface,
slowing the growth further. This is equivalent to a
system having a steeper liquidus curve near the pure
component end(s) of the phase diagram. Hence, based
on our results, we expect the base metal growth to be
even more difficult for systems with steep liquidus lines.
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Fig. 10—Composition profile at t = 4.5 ms for the Cu interface sim-
ulation with increased mobility (the arrow marks the current posi-
tion of the interface). The inset shows composition variation in the
region affected by secondary melting, highlighting the separation be-
tween the fusion line (marked by the arrow near the left end of the
inset) and the start of the alloyed region.
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Fig. 11—Velocities of different interfaces (1 through 3) in the
Cu-side simulation with increased mobility. Resolidification of the
base metal leads to the annihilation of interfaces 1 and 2 after ~4
ms. The inset captures the time window where these velocities ap-
proach their steady-state limit.
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The preceding fact holds special significance for the
microstructures formed near the Ti fusion interface
during the laser welding of a Ti/Ni couple.[11] As the
growth of b-Ti is delayed because of the unusually steep
b-Ti liquidus, Ti2Ni, the intermediate phase adjacent to
the b-Ti phase field has more time to nucleate from the
melt and grow toward the base metal, giving rise to a
very distinct microstructure. The nucleation of monel
grains on ferritic base metal reported by Nelson et al.[8]
can be rationalized in a similar fashion; the difference in
microstructure in this case with that of the Ti/Ni serves
to highlight the importance of the nucleation event and
the parameters that control it, namely, free energy of
nucleation, interfacial energy, and preferred sites for
heterogeneous nucleation. The contrast between these
examples and cases where the base metal does grow into
the melt (at the monel/pearlitic steel interface[8] or the
Ni/melt interface in Cu/Ni[9]) illustrates the relative
dominance of factors such as the magnitude of the
liquidus slope, ease of nucleation of a second phase, and
the kinetic parameters (conductivity, diffusivity, and
interface mobility) on microstructure formation near the
fusion interface.
The importance of the sign of the liquidus slope is
clearly brought out by the simulations performed for the
Cu interface. The drastic difference from the Ni end
comes about, because the liquidus slopes positively and
consequently the partition coefficient becomes greater
than unity. Since liquidus temperatures are higher for
increasing Ni content of the melt, the driving force for
the formation of a solid solution phase is much higher
than that for the growth of the pure substrate into the
concentrated melt, and indeed such a phase is observed
to form at the initial solid-liquid interface, either by a
sudden jump in composition of the substrate or, more
probably, through a ‘‘nucleation’’ event at or ahead of
the interface.
Generally, nucleation is treated in phase-field models
with two different approaches. One method is to hand-
put critical fluctuations in the domain with probabilities
satisfying classical nucleation theory.[21] In the other
approach,[22] a Langevin noise term satisfying the
fluctuation-dissipation theorem is added to the right-
hand side of Eq. [2] and critical fluctuations emerge
naturally from the simulation. Because studying nucle-
ation was not our main aim, we did not employ either of
these methods in our simulations; it took place here only
as a consequence of the finite interface width interacting
with the very special setup of the physical problem. In
real welding situations, however, nucleation of a con-
centrated phase from a reasonably homogeneous melt at
some distance ahead of the interface is quite feasible. In
view of the large driving force available for it, nucleation
can only be suppressed in regions where a very steep
composition gradient exists, which was shown by the
calculations of Hodaj and Desre´.[23]
The initial condition of a composition jump at the
interface in our simulations is based on the assumption
that convection is effective in maintaining a uniform
melt composition in the bulk of the weld. The results
would remain qualitatively similar even if we were to
start with an initial composition gradient ahead of the
interface. While in practice mixing may not be fast
enough to produce a step jump in composition at the
initial solid-liquid interface, the interface would invari-
ably face a concentrated melt very soon after the
welding heat source (which caused the thermal melting)
moves away. The initial profiles used for the present
simulation idealize this situation. In summary, a positive
liquidus slope is most likely to be associated with
nucleation of the phase of different compositions from
the melt, at or ahead of the interface, in place of the
growth of the pure base metal into the alloy melt. We
also note that the solidification mode no longer remains
the usual directional growth that is used to describe
convectional welding microstructures. Instead, a mixed
constrained/unconstrained mode of growth may take
place (Figure 7) in dissimilar welding conditions.
Nucleation of a concentrated solid solution from the
melt and the consequent melt-back of the pure substrate
are especially relevant to the finding of Phanikumar
et al.[9] These investigators reported that in the Cu end
of the Ni/Cu couple, there was a clear separation
between the fusion line and the start of the alloyed
region in the fusion zone. Our simulations show a
similar separation of the almost pure Cu melt (produced
by the recalescence event associated with the nucleation)
from the concentrated melt by the freshly formed solid.
The composition profile presented in the inset of
Figure 10 shows the existence of a large unalloyed
region, which had undergone melting, suggesting a
mechanism for the creation of the unmixed zone
observed in the experiment.[9]
The situation becomes far more complex when more
than one phase can form from the melt; typical system
features that would determine phase selection in those
cases are the nature of liquidus curves of the phases
(decides the driving force) and the interfacial energies
(ease of nucleation), in addition to the kinetic factors
such as thermal conductivity, diffusivity, and interface
mobility. Although we do not treat multiphase solidi-
fication here, we note that for both Fe/Cu[10] and
Ti/Ni[11] welds, a second phase (which nucleated from
the melt near the fusion line) was observed to grow
toward the base metal, and in both these cases, the
liquidus curves of the concerned phase (Fe solid solution
and Ti2Ni, respectively) slope upward, making nucle-
ation from the melt a very likely event.
V. CONCLUSIONS
We have presented a phase-field study of the phe-
nomena occurring at the fusion interfaces in dissimilar
welding. In particular, the simulations correspond to
the welding situation of a Ni/Cu binary couple. The
simulations revealed a range of new events that take
place near the fusion interfaces. They also hold generic
implications for other dissimilar welding conditions.
The key findings of this study are summarized as
follows.
1. The sign and magnitude of the liquidus curves are
the two most important parameters controlling the
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solidification in the Ni/Cu couple (single-phase
solidification of an ideal solution).
2. For the negatively sloping liquidus at the Ni end,
the presence of a composition difference at the
interface severely hinders the growth of the base
metal into the weldment. The magnitude of the hin-
drance increases with the jump in composition at
the initial interface.
3. A steeper negative liquidus increases the growth dif-
ficulty.
4. A positively sloping liquidus (for example, the Cu
end in Ni/Cu) is more likely to be associated with
nucleation of phases from the concentrated melt.
This may cause secondary melting of the base metal
and create an unmixed zone between the fusion line
and the alloyed weldment.
5. For the previous case, the mode of growth at the
leading solidification front is a combination of
directional and unconstrained growth.
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TABLE OF SYMBOLS
A, B alloy constituents (Ni and Cu)
c composition
cL* liquid composition at the interface
Cp specific heat
DL diffusivity in liquid
DS diffusivity in solid
D phase averaged diffusivity
e internal energy density
G temperature gradient
g double well potential
K thermal conductivity
L latent heat
M phase-field mobility
p interpolation function
_q heat flux
S total entropy of the system
s entropy density
T temperature
Tint temperature at the solid-liquid interface
TLiq liquidus temperature
Tm melting point
t time
V interface velocity
vm molar volume
W height of the double well potential
x spatial variable
xi mole fraction of constituent i
d interface thickness
2 gradient entropy coefficient
l interface attachment coefficient
X volume of the system
/ phase field
r interfacial energy
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